
JOURNAL OF MATERIALS SCIENCE 30 (1995) 3449-3456 

The influence of cathodic hydrogen charging on the 
mechanical behaviour of AI-4Zn-IMg alloy 
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The effect of cathodic charging on the mechanical behaviour of AI-4Zn-IMg alloy was 
studied. Hardening of the AI-4Zn-IMg alloy surface, due to the hydrogen absorption, was 
observed. The ultimate tensile stress of the charged aluminium alloy was noted to be 
a non-linear function of the charging current density. The cathodically charged aluminium 
alloy exhibited brittle transgranular fracture at the surface layer, whereas ductile 
intergranular fracture was observed at the deeper layers of the same alloy. 

1. Introduction 
Hydrogen may be introduced into metallic materials 
during casting, acid pickling, electroplating, welding 
and corrosion processes. Hydrogen is mainly present 
in metallic materials in the form of interstitial atoms. 
These atoms can occupy either tetrahedral or octahed- 
ral positions (rt = 0.036 nm and re = 0.059 nm, respec- 
tively) I l l  of the lattice due to their small size 
(r = 0.025-0.054 nm) and can move rapidly either by 
diffusion or by transportation through mobile line 
defects. The influence of hydrogen is closely related to 
the metallic material's strength, its microstructure, the 
applied stress, the percentage of prior cold work and 
the degree of segregation of impurities at the grain. 
boundaries [2]. 

The most recent publications dealing with the cath- 
odic charging and the mechanical behaviour of some 
metallic materials are given below. 

Bond et al. [31 studied the effect of cathodic hydro- 
gen charging on the deformation behaviour of pure 
aluminium and noticed that hydrogen increases the 
dislocation mobility and reduces the flow stress of 
aluminium. 

The cathodic hydrogen charging of pure aluminium 
was found, by Watson and co-workers [4], to decrease 
the ductility and increase the yield and ultimate tensile 
strength of this material, while the formation of 
a hardened surface layer was also observed. 

Christodoulou and Flowers observed that in 
A1-Zn-Mg alloys, in the presence of hydrogen, inter- 
granular fracture occurs, resulting in reduced fracture 
strain [-5]. 

Lastly, Lynch studied the transcrystalline fracture 
of a high strength A1-6%Zn-3%Mg in a number of 
environments. The metallographic and fractographic 
studies of the transcrystalline fracture led Lynch to the 
conclusion that environmentally assisted cracking in- 
volves adsorption of hydrogen which facilitates the 
nucleation of dislocations at crack tips [6]. 

Although many models describing certain 
metal-hydrogen systems have been presented, a gen- 

erally accepted model describing and predicting the 
metal-hydrogen interaction has not been developed 
yet. The purpose of this study is to investigate the 
effect of cathodic hydrogen charging on some mechan- 
ical properties of an A 1 - 4 % Z n - l % M g  alloy. 

2. Experimental procedure 
The material used was an A 1 ~ % Z n - 1 % M g  alloy 
supplied in the form of cold-rolled sheet of 2.5 mm 
thickness. The samples were homogenized at 450 ~ 
for 2 h, quenched in water at 10 ~ and then aged at 
100 ~ for 24 h. This thermal treatment was performed 
for each specimen before the experiment in order to 
avoid different primary properties for each specimen 
due to natural ageing. The specimens were immediate- 
ly subjected to chemical etching in a solution of 95% 
HzO, 2.5% HNO3, 1.5% HC1 and 1% HF, then 
rinsed with acetone and blown dry under hot air 
current, prior to cathodic charging. 

Cathodic charging was carried out in a solution of 
75% CH3OH, 22.4% H 2 0  , 2.6% H2SO4 and con- 
tained 10 m g  1-1 As203 as hydrogen recombination 
inhibitor. The specimens were charged on both the 
front and back surfaces, with the use of graphite an- 
odes. The charging current densities employed were in 
the range 10-90mAcro  -2 for the tensile tests and 
40-95 m A c m -  2 for the microhardness tests, while the 
charging time was varied from 3 to 35 h and from 6 to 
30 h, respectively. 

Mechanical testing was carried out immediately 
after charging to minimize the loss of hydrogen. The 
gauge sections for the tensile tests were 
50 x 10 x 2.5 ram. The tension tests were performed at 
a strain rate of 3.3 x 10 -r s -1. One series of testing, 
however, involved the variation of strain rate from 
3.3 x 10 .4  s -~ to 1.7 x 10 .2 s -1. Microhardness test- 
ing was made with Vickers indenter imposing a 0.20 N 
load for 30 s. Each measurement was the average of 
eight indentations. Roughness tests were also carried 
out throughout the surface of the cathodically charged 
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specimens as well as that of the fractured ones, with 
the use of a Perthen profilometer. Each measurement 
was the average of five pre-measurements. 

The surface of both the cathodically charged and 
the fractured specimens were examined with a 
Jenavert optical microscope. The fractured area of the 
subjected to tension specimens were examined with 
the use of a Philips scanning electron microscope 
(SEN). 

3. Results and discussion 
3.1. Optical microscopy 
The surface of the charged specimens is covered with 
a dark grey coloured film (Fig. 1) the thickness of 
which increases as a function of both the charging 
time and the charging current density. This film is 
believed to be As, which was deposited during charg- 
ing of the specimen [7,8]. A small degree of pitting, 
due to acid pickling of the specimens prior to their 
charging, can also be observed. 

3.2. Microhardness tests 
Microhardness tests on the surface of the specimens 
revealed major surface hardening due to charging. 
Microhardness continuously increases as a function of 
charging current density (/co) and charging time (tcn). 
The maximum percentage increase of microhardness 
(Figs 2 and 3) always referring to that of the un- 
charged specimen (charging current density ICD = 0 or 
charging time tcH = 0, respectively), is A(MH)r~D 
= 67.9%, for MH =f(IcD) and tcn = constant and 

A(MH)tc, = 70.9%, for MH =f(tcn) and IcD= con- 
stant. 

This significant influence of hydrogen on micro- 
hardness can be explained in terms of the dislocation 
pinning mechanism. Surface hardening must be at- 
tributed to solute hydrogen and dislocation pinning at 
the surface region. Solute hydrogen atoms act as dislo- 
cation pinning sites contributing to the work harden- 
ing of the alloy. 

Conclusively, the increase of microhardness is due 
to decreased dislocation mobility. Higher charging 
current density leads to higher hydrogen fugacity 
while higher charging time leads to higher solute hy- 
drogen concentration, both leading to more effective 
pinning of the dislocations and, therefore, decreased 
dislocation mobility. 

Microhardness of the A1-4Zn-IMg alloy is related 
to the time passed from the time of charging (Fig. 4). 
The reason for the decrease of the microhardness 
value during natural ageing is the gradual diffusion of 
hydrogen out of the specimen to the environment. The 
time necessary for this process- to be completed is 
much greater than the time needed for hydrogen pen- 
etration. The reason is that hydrogen atoms are trap- 
ped in the metallic structure and that detrapping is the 
rate-controlling step of the hydrogen diffusion pro- 
cess. The hydrogen atoms still remaining in the speci- 
men are probably irreversibly trapped and determine 
the microhardness value of the specimen. Their re- 
moval may be achieved either with long-term natural 
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Figure 1 The surface of a specimen, cathodically charged at 
40mAcm a for 18 h, is covered with a dark As film. 
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Figure 2 Effect of charging current density on the microhardness of 
A1-4Zn-IMg alloy charged with hydrogen for 6 h. 
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Figure 3 Effect of charging time on the microhardness of 
A1 4Zn-lMg alloy charged with hydrogen at40 mA cm -2. 

ageing or, even better, with appropriate thermal treat- 
ment in vacuum. 

3 . 3 .  T e n s i o n  t e s t s  
The influence of cathodic hydrogen charging on 
the tensile properties of the AI~Zn-IMg alloy is 
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Figure 4 Effect of time passed beyond charging on the surface 
microhardness of a specimen charged at 40 mA cm -2 for 30 h. 

complex. When hydrogen is introduced into the speci- 
men it concentrates both at grain boundaries and in 
the interior of the grains. Hydrogen concentration in 
the interior of the grains, though, is much lower than 
that at the grain boundaries as a result of the low 
diffusivity and solubility of hydrogen in the metal 
matrix. The following equation [,10] relates the appar- 
ent diffusivity of hydrogen (D) in a metal of trap 
density (Nt) and the diffusivity of hydrogen in a metal 
"free of traps" (Do) 

.Oo/D = 1 + (k /p)N,  (1) 

where k and p are trapping and detrapping para- 
meters, respectively. According to this equation when 
trap density increases the apparent diffusivity of hy- 
drogen is lowered, due to trapping effects [7]. These 
traps may be microvoids, precipitates, dislocations 
and grain boundaries. When the specimen is being 
deformed, hydrogen atoms are conveyed, mainly by 
mobile dislocations [-11], towards these traps where 
they form molecular hydrogen in the form of bubbles. 
In our case (cathodic charging of the A1-4Zn-IMg 
alloy) hydrogen atoms can not be trapped by the 
possibly existing r 1 ' (MgZn2) precipitate particles [ 12]. 
On the contrary, they are trapped along the incoher- 
ent matrix-rl phase interface. The X-ray diffraction 
diagram (Fig. 5) of a charged specimen showed that 
free Mg is present, which is believed to be trapped 
along the grain boundaries while no free Zn was 
observed. This means that all Zn is present in the 
MgZn2 phase. Previous research results on 
AI-Zn-Mg alloys [11, 13] are in accordance with this 
observation. Free Mg is believed to trap hydrogen 
atoms with electronic forces causing local super- 
saturation to occur. MgH and MgH2 complex forma- 
tions have also been cited. This trapping seems to be 
enhanced by previous heat treatment in the temper- 
ature range of 100-150~ Lastly, high angle grain 
boundaries are considered strong traps but this is not 
the case in A1-Zn Mg alloys E12,14]. 
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Figure 5 X-Ray diffraction diagram for A1-4Zn- IMg alloy, charged 
at 8 0 m A c m  -2 for 10h. A1H 3 and free Mg were detected: o A1; 
+ Mg; �9 MgZn2; x AIH 2. 
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Figure 6 Effect of charging current density on the ultimate tensile 
stress of A1-4Zn- IMg alloy charged for 3 h. Strain rate 3.3 x 10 -4. 

In the first series of experiments the influence of the 
charging current density on the tensile behaviour of 
the charged specimens is studied (Fig. 6). The fracture 
mode for the uncharged specimen is completely trans- 
granular ductile (Fig. 7) and results from internal void 
nucleation, growth and linking up, either by void 
impingement or by void sheets among grown voids 
(Fig. 8). The plastic flow is macroscopically uniform. 
For values of the current density up to 25 mA cm- 2 
the ultimate tensile strength increases. The role of 
hydrogen consists in the hardening of the alloy both 
by reducing dislocation mobility and by causing 
work-hardening of the material due to increased dislo- 
cation density, according to the mechanism already 
described. It is observed, however, that the fracture 
mode of the surface layer is brittle transgranular 
(Figs 9 and 10). This change of fracture mode can be 
attributed to the exceeding of a critical value of hydro- 
gen concentration in the grain interior, C(G~)o~, for this 
surface layer, beyond which dislocations are most 
effectively pinned by hydrogen atoms. On the frac- 
tured surface small voids are visible, which must have 
come from the formation of molecular hydrogen. The 
transgranular front (Fig. 10) indicates the point bey- 
ond which hydrogen concentration in the grain in- 
terior is lower than C(a~)cr. This critical value has not 
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Figure 7 Micrograph of the fractured area of an uncharged speci- 
men. Ductile transgranular fracture ( x 42.6). 

Figure 10 Micrograph of a specimen charged at 25 mAcm -z for 
3 h. The boundary between brittle and ductile fracture is observed 
( x 170). 

Figure 8 Micrograph of the fractured area of an uncharged speci- 
men. Dimples and void sheets are observed ( x 170). 

Figure 9 Micrograph of a specimen charged at 25 mA cm- 2 for 3 h. 
Brittle transgranular fracture occurs near the surface ( x 42.6). 

been reached for deeper regions of the specimen be- 
cause the hydrogen concentratioh profile is very steep, 
as already discussed. 

When the charging current density further increases 
consecutively to 40, 55 and 90 m A c m -  2 the ultimate 
tensile strength is approximately constant. Higher cur- 
rent density leads to higher hydrogen fugacity, result- 
ing in higher hydrogen concentration for a given dis- 
tance from surface. Hydrogen primarily concentrates 
along grain boundaries and matrix-precipitates inter- 
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faces, rather than the grain's interior. The resistance of 
the A1MZn-IMg alloy to plastic flow is expected to 
decrease owing to hydrogen [15]. Local hydrogen 
pressure continuously increases since local hydrogen 
concentration increases, thus creating a stress field in 
the matrix. When a critical value of grain boundary 
hydrogen concentration C(Gmo~ is reached, plastic de- 
formation is localized at slip bands. Hydrogen is then 
conveyed by mobile dislocations to these regions, 
where slip bands terminate, which act as strongly 
irreversible traps. This leads to the conclusion that 
regions where greater slip is observed will have higher 
hydrogen concentration and suffer greater damage. 
Slip selectively occurs along the precipitate free zones. 
When the hydrogen pressure increases microcracks 
are formed along the precipitate free zones, acting as 
crack-initiation sites. Damage is greater when the pre- 
cipitated phase is less coherent [16] and since the 
r I phase is incoherent, damage is expected to be signifi- 
cant. The initial supply of lenticular voids may also 
come from dislocation pile-ups along the grain bound- 
aries, which often aid the matrix-precipitate decohe- 
sion [17]. The voids so formed serve as precipitation 
sites of solute hydrogen. 

Nucleation of voids ahead of cracks generally oc- 
curs in regions where plastic deformation is markedly 
inhomogeneous and separation of particle matrix 
interfaces or fracture of brittle particles is usually 
involved. It is clear that the first two presuppositions 
are valid. As regards the fracture of brittle particles, 
the formation of A1 and Mg hydrides has been pro- 
posed [-15]. This assertion was not verified for Mg by 
X-ray diffraction examination. Besides, these combi- 
nations are unstable in humid environments such as 
the laboratory room. However, A1H3 was detected by 
the X-ray examination (Fig. 5) whichmeans that part 
of the crack-growth mechanism could be the fracture 
of platelike A1H3 formations along the grain bound- 
aries, which is still of little importance. The crack 
growth mechanism primarily consists in the coales- 
cence of voids with the external crack. This process is 
aided by the nucleation of dislocations, which is partly 
due to the presence of trapped hydrogen and their 
subsequent movement from both the crack tip and the 



voids [16]. It is assumed that nucleation of disloca- 
tions is a more difficult process than their subsequent 
movement and that the local shear stress is sufficient 
for their continued movement once nucleation has 
occurred. Any localization of this kind results in a lo- 
cal increase in strain rate. Fracture is therefore accom- 
panied by large local slip. 

Cracks along the grain boundaries at the region of 
intergranular fracture of a specimen charged at 
55 mA cm -2 are observed in Fig. 11. Ductile trans- 
granular fracture has also occurred. 

Nucleation and growth of voids around the precipi- 
tated particles due to stress localization results in the 
development of dimpled intergranular fractured surfa- 
ces of the A1-4Zn-IMg alloy. When precipitate free 
zones are very narrow, strains are so highly localized 
that dimples are extremely shallow and thus difficult 
to detect [18]. This is the case here since high resolu- 
tion was used (x 5200) (Fig. 12) in order to detect 
dimples on the apparently flat grain-boundary facets. 
In Fig. 13 spherical voids along the grain boundaries 
are observed. High hydrogen pressure imposed 
a stress field on the surrounding matrix, and this is 
verified by the fact that matrix is locally deformed for 
a distance around the voids equal to ten times their 
radius. 
According to the fracture mechanism described above 
it is clear that a further increase of the charging cur- 
rent density will lead to the progress of the intergranu- 
lar front deeper into the specimen (Figs 14 and 15) 
which means that the percentage of intergranular frac- 
ture mode, throughout the whole fractured surface, 
increases. The critical stress for intergranular fracture 
is lower than the critical stress for transgranular frac- 
ture, thus imposing a limit to the ultimate tensile 
stress. Therefore, the ultimate tensile stress of the 
specimen takes its maximum value and becomes ap- 
proximately constant when a critical current density 
value is reached, for which the positive influence of 
hydrogen on the ultimate tensile stress (higher fracture 
stress for regions of ductile transgranular fracture 
mode) is balanced by the negative influence of hydro- 
gen on the ultimate tensile stress (increasing percent- 
age of IG fracture mode). This critical value appears to 

Figure 12 Micrograph of a specimen charged at 90 m A c m  -2 for 
3 h. Grain boundary facets (intergranularly fractured area) covered 
with very shallow dimples ( x 5200). 

Figure 13 Micrograph of a specimen charged at 90 mA cm -2 for 
3 h. Spherical voids along the grain boundaries, formed as a result 
of high local concentration of hydrogen. A high stress field is 
developed around each of them ( x 655). 

Figure 11 Micrograph of a specimen charged at 55 mA cm 2 for 
3 h. IG fractured areas among transgranular fractured areas. Cracks 
along the grain boundaries can be observed ( x 85). 

Figure 14 Micrograph of a specimen charged at 55 mA cm -2 for 
3 h. Areas of ductile intergranular and ductile intergranular fracture 
( x 42.6). 

be more than 25 mA cm- 2 and less than 40 m A c m -  ~. 
An important observation is the existence of a trans- 
granular crack at the point of convergence of three 
grains (Fig. 16). This may be attributed to the damag- 
ing effect of hydrogen at regions of high triaxility. 

The change of the maximum elongation as a func- 
tion of the charging current density (Fig. 1) is adverse 

3453 



Figure 15 Micrograph of a specimen charged at 90 mA cm -2 for 
3 h. Intergranular  fracture has propagated. Brittle t ransgranular  
fracture is limited near the surface ( x 42.6). 
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Figure 17 Effect of charging current density on the max imum 
tensile elongation of A1-4Zn-1Mg alloy charged at 25 mA cm - 2 for 
3 h. Strain rate 3.3 x 10 . 4  s -1. 

Figure 16 Micrograph of a specimen charged at 90 mA cm -2 for 
3 h. Transgranular  crack owing to the damaging effect at regions of 
high triaxility ( x  170). 

to the change of the ultimate tensile strength. Max- 
imum elongation initially decreases owing to the hard- 
ening of the alloy and then slightly increases. This 
increase may be ascribed to the extensive local slip 
observed along the grain boundaries. 

The influence of the charging time on the tensile 
behaviour of A1-4Zn-IMg alloy can be explained in 
terms of the fracture mechanism described above. It 
must be pointed out that charging time does not affect 
hydrogen concentration of the saturated surface layer 
and hydrogen fugacity. The results obtained for the 
specimen charged for 3 h have already been discussed. 
Since hydrogen diffusivity in the matrix is very low 
and hydrogen diffusion is the rate-controlling step, 
when charging time is further increased hydrogen 
atoms diffuse deeper into the specimen. The critical 
hydrogen concentration C(~)or for the grain interior is 
then reached for a greater distance from the surface of 
the specimen, causing the brittle transgranular frac- 
ture zone to expand inwards. Since for the 
25mAcm -2 transgranular (ductile and brittle) 
fracture only occurs (Fig. 9) it may be assumed that 
hydrogen fugacity is not high enough for ductile 
intergranular fracture to occur. The increase of the  
ultimate tensile stress (Fig. 18) is then primarily due to 
the advance of the brittle transgranular fracture front 
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Figure 18 Effect of charging time on the ultimate tensile stress of 
A I ~ Z n - I M g  alloy charged with hydrogen at 25 mA cm -2. Strain 
rate 3.3 x 10 -4 s -1. 

(and the consequent increase of the brittle transgranu- 
lar fracture mode percentage throughout the fractured 
area), and the hardening of the alloy in the regions 
that exhibit ductile fracture. Maximum elongation 
appears to be practically stable (Fig. 19) which is un- 
expected. A study of the fracture elongation might 
have shown that fracture elongation decreases as 
a function of charging time, as was initially expected. 

Lastly, the influence of the strain rate on the ulti- 
mate tensile stress of the A1MZn-IMg alloy was 
studied (Fig. 20). The ultimate tensile strength initially 
decreases for values of strain rate greater than approx- 
imately 10 .3 s -1 and then becomes stable. When 
strain rate is low, mobile dislocations can capture 
hydrogen atoms and carry them away. The cores of 
dislocation are heavily distorted regions in the crystal 
lattice, which causes a strong strain field. When hydro- 
gen atoms fill this region, they will relax the strain field 
and result in a decrease of distortion energy; therefore, 
dislocation cores are strong hydrogen traps, so that 
hydrogen atoms along dislocation lines will be trap- 
ped by dislocation cores and then carried away 
to grain boundaries and interfaces of precipitates. 
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Figure 19 Effect of charging time on the maximum tensile elonga- 
tion of A1-4Zn-IMg alloy charged with hydrogen at 25 mA cm-2 
Strain rate 3.3 x 10 .4 s -x. 

4 .  R o u g h n e s s  t e s t s  

Roughness tests were carried out on the surface of the 
charged specimens of the A 1 M Z n - I M g  alloy. Rough- 
ness Ra, generally increases when charging current 
density IcD increases (Fig. 21). For  the fractured speci- 
mens roughness is greater at the neck region (distance 
from the point of fracture 1 cm) compared to that 
counted 2 cm or more, far from the point of fracture 
(Fig. 22). The reason is that from the moment  the neck 
has formed, deformation of the specimen occurs al- 
most exclusively at this region, and the surface of the 
specimen becomes very rough. Roughness is greatly 
related to the relative slide of adjoining grains and it is 
also related to the formation of microcracks on the 
surface of the fractured specimens. For  charging cur- 
rent density values less than 25 m A c m -  2 the effect of 
hydrogen is only to harden the metal matrix and the 
surface layer exhibits ductile transgranular fracture, 

400 

3 5 0  
S_ 

v 

ff 3oo 

250 

+ 

+ +++ 

I I I 
10 -3 10 -2 10 1 

~ (s  -1 ) 

Figure 20 Effect of strain rate on the ultimate tensile stress 
of A1-4Zn-IMg alloy charged with hydrogen at 25 mA cm -2 for 
3h. 

The critical velocity Vo for breakaway of core atmo- 
sphere is 

Vo = 3.2(DH/~) (2) 

where Dn is the diffusivity of hydrogen a tom in matrix 
(taken approximately as 1 0 - t 4 m  2 s - t )  and ~ is 
the radius of a dislocation core, taken as b, Burger's 
vector. The critical strain rate ~ of specimens is given 
a s  

~o = o . b v o  (3) 

where 9~ is the mobile dislocation density, taken as 
106 cm -2. By combining Equations 2 and 3 

ac = 3.2(p.DH) = 3.2 x 10 -4 s -1 (4) 

When strain rate exceeds this critical value, the hydro- 
gen atoms trapped by the disloc~ition core break away 
from it. The energy of each mobile dislocation is so 
high that pinning of mobile dislocations by hydrogen 
atoms does not occur. Thus, since the alloy is not 
hardened, hydrogen influence on the ultimate tensile 
strength is rather insignificant for strain rates higher 
than the critical value. It  appears in this case that ec is 
higher (approximately 10 .3 s-~) than it was theore- 
tically estimated to be. 
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Figure 21 Effect of charging current density on the roughness of the 
specimens Charged for 6 h. 
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Figure 22 Effect of charging current density on the roughness of the 
fractured specimens charged for 6 h. Strain rate 3.3 x 10 -4 s-t. 
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just as the whole specimen does. When current density 
exceeds 25-40 mA cm-z (which leads to brittle trans- 
granular fracture of the surface layer) surface grains 
are less able to slide, and roughness decreases. Micro- 
cracks are formed because of the embrittlement of the 
matrix, which can not deform plastically, as it does 
when the hydrogen concentration is lower. So when 
the maximum stres s applied is higher, microcrack den- 
sity is higher as a result. Another reason for the forma- 
tion of microcracks may be that the inner part of the 
specimen tends to deform more than the embrittled 
surface layer does. This difference in deformability 
causes additional tensile stresses to develop upon the 
embrittled surface layer, aiding the formation of 
microcracks. 

5. Conclusions 
1. Cathodic hydrogen charging affects the tensile be- 
haviour of the A1-4Zn-IMg alloy. There is a critical 
hydrogen concentration in the grain interior C(al)cr, 
which signals the transition from ductile transgranular 
to brittle transgranular fracture mode. This critical 
concentration is reached only for a layer near the 
surface of the specimen. 
2. When a critical hydrogen concentration along the 
grain boundaries C(~B)cr is reached, the fracture mode 
changes from ductile transgranular to ductile inter- 
granular. 
3. Ductile transgranular fracture was accompanied by 
extensive local slip along the grain boundaries. Grain 
boundary facets are covered with very shallow 
dimples and slip bands can be observed. 
4. The ultimate tensile stress of the A1-4Zn-IMg be- 
comes maximum (as a function of charging current 
density) when the positive influence of hydrogen on 
the strength of the alloy (hardening of the regions that 
exhibit ductile transgranular fracture) is balanced by 
the negative one (increase of the percentage of inter- 
granular fractured area), The current density value for 
which this occurs is approximately 25 mAcm- 2. 
5. Longer charging time leads to advance of the brittle 
transgranular front inwards, resulting in an increase of 
the ultimate tensile strength. 

6. There is a critical strain rate ec beyond which the 
breakaway of the hydrogen atmosphere of the disloca- 
tion core occurs, and mobile dislocations are not pin- 
ned by solute hydrogen atoms. This leads to a de- 
crease of the ultimate tensile strength. 
7. The surface of the A1-4Zn-1Mg was hardened con- 
siderably. The surface layer did not recover to its 
prior-to-charging hardness with the time passed after 
charging. 
8. As shown by the X-ray diffraction results, A1H3 
formation was detected. This hydride may participate 
in the fracture mechanism. 
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